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Abstract
The influence of different types of precipitates (either Guinier-Preston
zones, θ′′ or θ′) on the critical resolved shear stress and strain hardening
was determined by means of micropillar compression tests in an Al - 4 wt.
% Cu alloy. The size, shape and volume fraction of the precipitates were
measured in each case. It was found that size effects were negligible for mi-
cropillars with diameter ≥ 5 µm. Micropillars with Guinier-Preston zones
showed strain localization due to precipitate shearing. The best mechanical
properties were obtained with either a fine dispersion of the θ′′ precipitates
or a coarser dispersion of θ′. Both precipitate shearing and Orowan loops
were observed around the θ′′ precipitates and the micropillar strength was
compatible with the predictions of the Orowan model. In the case of the
alloy with θ′ precipitates, the strengthening contribution associated with the
transformation strain around the precipitates has to be included in the model
to explain the experimental results. Finally, the micropillar compression tests
in crystals with different orientations were used to calibrate a phenomenolog-
ical crystal plasticity. This information was used to predict the mechanical
properties of polycrystals by means of computational homogeneization.
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1. Introduction
Cu is one major alloying elements in most wrought Al alloys that are
widely used in transportation (aerospace, automotive, railways, marine, etc.)
because of the low density, limited cost, ease of fabrication and excellent
combination of mechanical properties (strength, ductility and toughness) [1].
Addition of Cu atoms to Al increases the strength due to solution and pre-
cipitation hardening [1–3]. The contribution of solution hardening is limited
by the solubility of Cu in Al while precipitate hardening can be tailored
by controlling the geometric features of the precipitates (size, shape, spatial
distribution and volume fraction) through thermo-mechanical treatments.
Moreover, the precipitate size as well as the nature of the matrix/precipitate
interface (coherent, semi-coherent or incoherent) determine the mechanisms
of dislocation/precipitate interactions and, thus, the strengthening contribu-
tion [4].
Because of its industrial relevance and the high strength achieved, precip-
itation hardening in the Al-Cu system has been widely studied. The types
of metastable precipitates that appear during thermal treatments of a su-
persaturated solid solution of Cu atoms have been established from careful
experimental analysis [2, 3, 5, 6]. It begins with the formation of Guinier-
Preston (GP) zones at ambient temperature [7, 8], which stand for circular
disks made of one layer of Cu atoms coherent with the Al matrix, that grow
parallel to the {100} faces of the Al FCC lattice. If the alloy is aged at
high temperature (from 130 to 190 oC) [2, 9], θ′′ (Al3Cu) precipitates, which
also grow as disks with the same orientation, appear instead of GP zones.
They have a FCC structure obtained by replacing every fourth layer of the
Al atoms by Cu atoms on (001) planes and are coherent with the matrix. θ′′
are eventually replaced by θ′ (Al2Cu) precipitates with a BCT structure and
disk shape. The broad face of the θ′ disks –parallel to the {100} faces of the
Al FCC lattice– is coherent with the matrix while the edge are semi-coherent.
Finally, the θ (Al2Cu) precipitate has a complex BCT structure, incoherent
with the matrix and different shapes and orientations with respect to the
matrix have been reported [10, 11].
The precipitation sequence and kinetics in Al-Cu alloys have been am-
ply studied by transmission electron microscopy (TEM) [5, 6, 12–15] and
the experimental data have been corroborated by recent multiscale simula-
tions based on first principles calculations in combination with either Kinetic
Monte Carlo or phase-field modelling [16–20]. Only GP zones are formed at
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ambient temperature while precipitation at high temperature begins with
the homogeneous nucleation of the θ′′ phase followed by the heterogeneous
nucleation of θ′ upon dislocations afterwards. The θ′′ precipitates grow and
eventually disappear with longer aging time, while homogenous precipitation
of θ′ is observed. Finally, the θ phase appears (initially on grain boundaries
or at θ′/Al interfaces after longer aging times if the temperature is sufficiently
high (above > 200◦C) [18, 21].
Due to complex precipitate sequence, strengthening of Al-Cu often in-
volves the contribution of different metastable precipitates which present dif-
ferent interactions with the dislocations. Most authors agree that GP zones
are sheared by dislocations [2, 22] in agreement with recent atomistic simula-
tions [23, 24] while θ′ precipitates are by-passed by the formation of Orowan
loops [25–30]. However, the dislocation/precipitate interaction mechanisms
in the case of θ′′ precipitates are not known. Moreover, the strengthening
provided for each type of precipitate is not known either because most of
the studies on the mechanical properties of Al-Cu alloys have been carried
out in polycrystalline samples (see, among many others, [25, 31–35]) and
it is very difficult to isolate the precipitate contribution from those coming
from grain boundaries and solid solution. A limited number of investiga-
tions have tried to overcome these limitations by testing Al-Cu single crys-
tals [22, 27, 36–38] but the emphasis was placed in understanding the strain
hardening mechanisms in different orientations as a function of the type of
precipitate. Moreover, the mechanical characterization was not accompa-
nied by a quantitative analysis of the type and geometrical characteristics
of the precipitates and, thus, no information could be obtained about what
precipitate provides higher strengthening.
In this investigation, the dislocation/precipitate interactions of θ′′ precipi-
tates and the strengthening provided by different types of precipitates (either
GP zones, θ′′ or θ′) was measured along different orientations by means of
micropillar compression tests in single crystals. The size, shape and volume
fraction of each type of precipitates was carefully determined by means of
TEM and this information, in combination with the results of the mechanical
tests, can be used to validate the models of precipitation hardening available
in the literature [23, 24, 39]. In addition, the results of the mechanical tests
in orientations suitable for single, double and multiple slip were used to cali-
brate a phenomenological crystal plasticity model that can be used to predict
the behavior of polycrystal containing different types of precipitates.
The paper is organized as follows. The experimental details of the pro-
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cessing, microstructural and mechanical characterization are presented in
section 2. The experimental results for the alloys containing different types
of precipitates are detailed in section 3, while the crystal plasticity model
and the calibration with the mechanical tests in micropillars is presented in
section 4, together with the predictions for the polycrystal behavior. Finally,
the conclusions of the paper are summarized in section 5.
2. Material and experimental procedures
2.1. Processing and microstructure
An Al-4 wt.% Cu alloy was prepared using high-purity metals by casting
in an induction furnace (VSG 002 DS, PVA TePla). Samples were subjected
to a homogenization and solution heat treatment during 22 h at 540◦C, fol-
lowed by quenching in water, leading to specimens with an average grain size
above several hundreds µm. Afterwards, some samples were aged at ambient
temperature (natural aging) and others were subjected to artificial aging at
180◦C during 30 and 168 hours.
The precipitate structure was carefully characterized by means of TEM
(TEM FEI Talos). To this end, foils were ground to a thickness of about 100
µm and punched to produce circular discs of 3 mm in diameter. These foils
were jet electropolished by using a chemical solution of 30 vol.% nitric acid
in methanol at ≈ -30◦C using a voltage of 15 V. The structure, dimensions,
spatial distribution and volume fraction of the precipitates were determined
in the naturally aged (NA) and artificially aged (AA30 and AA168) samples.
Automatic processing of the TEM was difficult because of the diffuse con-
trast between matrix and precipitates in some cases (particularly for small
GP zones). Thus, the precipitates in one orientation variant of each micro-
graph were manually colored and a simple binary color threshold was used
to binarize the images. The number of precipitates, the apparent diame-
ter and thickness were measured using the particle analyzer in ImageJ [40].
Then, the process was repeated for the precipitates in the other orientation
variant in the image. The actual diameter and thickness distributions were
calculated following the procedure described in [14, 26], taking into account
that only 2 precipitate variants are visible in the TEM micrographs oriented
along the [001]α zone axis. The thickness of the foils in the beam direction
was determined by measuring the spacing of Kossel- Mo¨llnstedt fringes in
the {022}α in a < 100 >α two-beam convergent beam electron diffraction
pattern [41].
4
2.2. Micropillar compression
The orientation of the grains to mill the micropillars with the desired ori-
entation was determined by means of electron backscatter diffraction (EBSD)
in a field-emission scanning electron microscope (FEI Helios NanoLab 600i).
Orientation maps were analyzed using the MTEX toolbox [42] to filter, de-
noise and obtain the Schmidt factors for each slip system in each grain, as-
suming that the applied stress was perpendicular to the sample surface. The
orientation of the grains selected for micropillar compression is displayed in
the inverse pole figures depicted in Fig. 1. It includes grains oriented for
single slip (blue region), double coplanar slip (green), double non-coplanar
slip (red) and multiple slip (black). Micropillars were carved in two different
grains for each ageing condition and orientation. Between 4 to 5 micropillars
were carved from each grain. Nevertheless, only the mechanical properties
obtained in the micropillars carved from one grain will be shown below for
the sake of brevity. It should be noted that the experimental scatter in
the mechanical tests was limited and that no measurements were discarded
except those which presented very low values of the initial stiffness of the
micropillar, indicating a strong misalignment between the flat punch and the
micropillar surface.
It has been reported in literature a strong increase in the flow stress of
FCC single crystal metals as the micropillar diameter decreased [43–45]. The
effect of micropillar diameter was ascertained for each precipitate distribution
by means of mechanical tests in micropillars with circular cross sections and
different diameters (in the range 2 to 7 µ m). They were machined from
the grains oriented for single slip by focused ion beam (FIB) milling using
Ga+ ions at 30 kV in a dual-beam FEI Helios NanoLab 600i microscope.
The initial current was 47 nA to remove the material around the pillar and
provide sufficient clearance for the flat punch indenter. Milling continued
with 9 nA followed by 2.5 nA to reduce the size of the pillar to the final
dimensions. Currents of 0.79 and 0.43 nA were used in the steps to reduce
the tapper of the pillar and minimize damage on the pillar surface.
Micropillars with the minimum dimensions to obtain size-independent
values of critical resolved shear stress were then used to determine the
strengthening provided by the different precipitate structures (either Guinier-
Preston zones, θ′′ or θ′ precipitates) in samples oriented for single, double and
multiple slip (Fig. 1). The pillars had a square cross section of 5 µm x 5
µm and aspect ratios in the range 2.0-3.0. They were carved using the FIB
with Ga+ ions operated at 30 kV, with currents starting on 47 nA to provide
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Figure 1: Inverse pole figures showing the orientation of the grains selected to carve
micropillars in the samples subjected to different heat treatments. (a) Regions of the
inverse pole figure for single slip (blue), double coplanar slip (green), double non-coplanar
slip (red) and multiple slip (black). (b) Naturally aged. (c) Artificially aged for 30 hours
at 180◦C. (d) Artificially aged for 168 hours at 180◦C. The grain number is indicated along
the dot indicating the orientation.
sufficient clearance for the flat punch indenter. Milling continued with 9 nA
and 2.5 nA to reduce the size of the pillar. Finally tapper was reduced at
currents of 0.79 and 0.43 nA.
Circular micropillars with different diameter were deformed using a high-
load transducer (up to 900 mN) that can deform the micropillar with the
largest diameter. Square micropillars with a cross-section of 5 × 5 µm2 were
deformed with a low-load transducer (12 mN). The high load transducer was
able to carry out the tests under real displacement control while the load-low
transducer applied the displacement using a PID control. The taper angle
was small (< 2◦) for circular micropillars and negligible (< 1◦) for the square
micropillars. In all cases, the micropillars were milled from the center of the
grains to ensure that they were single crystals.
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Compression of the micropillars was carried out using a circular diamond
flat punch of 10 µm of diameter using a nanoindenter (Hysitron TI950). Tests
were carried out in displacement control at an average strain rate of ≈ 10−3
s−1 up to 10% strain. The engineering stress-strain curves were calculated
from the applied load using the upper cross-sectional area and length of
the pillars, measured after the milling process. The engineering stress was
transformed into the resolved shear stress (RSS) using the Schmid factor of
the most suitable oriented slip system in the case of micropillars oriented for
single slip. The critical resolved shear stress (CRSS) - which correspond to
the beginning of plastic deformation - was determined from the RSS-strain
curves at a plastic strain of 0.02% [46, 47].
The deformed micropillars were observed in the scanning electron mi-
croscope to analyze the deformation mechanisms from the shape of the mi-
cropillar and the surface traces. Moreover, thin foils parallel to the (001)α
and (100)α planes were extracted after deformation from one sample aged at
180◦ during 30 hours using FIB and the dislocation/precipitate interactions
were analyzed in the TEM.
3. Experimental Results
3.1. Precipitate distribution
Data about the dimensions of the precipitates were obtained from mea-
surements in over about 300 precipitates in the TEM micrographs for each
aging condition. The NA sample contained a homogeneous distribution of
GP zones (Fig. 2a). The main precipitates found in AA30 samples were
θ′′, which were also homogeneously distributed in the microstructure (Fig.
2b). Clusters of θ′ precipitates forming staircase structures were also found
in this sample [14]. These clusters developed because the nucleation of θ′ pre-
cipitates on dislocations is favoured by the interaction energy between the
stress-free transformation strain around the precipitate and the dislocation
stress field [17]. However, these clusters of θ′ precipitates did not contribute
to the strengthening of the micropillars due to the small initial dislocation
density in the samples. Finally, a homogeneous distribution of θ′ precipitates
was found in the AA168 samples (Fig. 2c). The θ phase was not found in
the AA168 alloy, in agreement previous first principles calculations [18, 21]
that have shown that θ′ (and not θ) is the stable phase at 180 oC due to the
vibrational entropic contribution.
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Figure 2: High-angle annular dark-field scanning-transmission electron micrographs of the
Al-4 wt.% Cu specimens, showing the precipitate distribution in the samples subjected to
different heat treatments. (a) GP zones in the sample naturally aged at ambient tempera-
ture. (b) θ′′ precipitates in the sample aged at 180◦C during 30 hours. (c) θ′ precipitates
in the sample aged at 180◦C during 168 hours. The zone axis was [001]α. The FFT of
each type of precipitates are shown in the insets.
The diameter distributions of the precipitates for the three aging condi-
tions are plotted in Fig. 3. They followed a lognormal distribution and the
corresponding parameters (mean µ and standard deviation σ) are indicated
in each plot. The θ′′ and θ′ precipitate volume fraction (f) was obtained
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from the precipitate number density (np), average precipitate diameter (d)
and thickness (t) and foil thickness. It was not possible to measure the actual
thickness of the GP zones because of the large foil thickness (≈ 124 nm), as
compared with the diameter of the GP zones [48, 49]. All the microstructural
information about the precipitate distribution is summarized in Table 1 for
each aging condition. In this table, the average and standard deviation of the
diameter and thickness are those corresponding to a Gaussian distribution.
0 100 200 300 400 500 600 700 800 900 10
Diam eter (nm )
3
= 5.861
= 0.490
0 10 20 30 40 50 60 70 80 90 100
Diam eter (nm )
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= 0.619
0.0 1.0 2.0 3.0 4.0 5.0 6.0
Diam eter (nm )
= 0.816
= 0.294
a b c
Figure 3: Distribution of the diameters of the precipitates for each aging condition. (a)
NA alloy. (b) AA30 alloy. (c) AA168 alloy. The mean µ and standard deviation σ of the
lognormal precipitate distributions are indicated in each plot.
Table 1: Average and standard deviation of the diameter, d, thickness, t, number density,
np and volume fraction f of the precipitates in the samples naturally aged (NA) and
artificially aged at 180◦ during 30 hours (AA30) and 168 hours (AA168).
Heat Precipitate d t np f
treatment (nm) (nm) (µm−3) (%)
NA GP 2.4±0.7 — 4.3±0.5 × 106 —
AA30 θ′′ 36±26 1.6±0.2 9717±6735 0.9±0.2
AA168 θ′ 393±187 8.3±2.8 11±2 1.0±0.3
Finally, dislocations were observed in a (11¯0) reflection in a 〈110〉α zone
axis prior to deformation and the initial average dislocation density ρ ≈
2.2 1013 m−2 was determined from 10 micrographs in the NA alloy from
the total dislocation length, the foil thickness and the total area analyzed.
Quantitative evaluations of the initial dislocation density in the AA30 and
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AA168 alloys were not carried out but the TEM images showed a dislocation
density similar to the one measured in the NA alloy.
3.2. Analysis of the size effect
The yield stress measured in small samples, such as micropillars, may
depend strongly on the dimensions of the micropillar [43, 44] and this size
effect depends on the material. So, the first step in this investigation was to
ascertain the influence of the micropillar diameter in the mechanical response.
To this end, micropillars oriented for single slip with different diameter were
carved from the same grain in each of the samples subjected to different heat
treatments. The RSS vs. strain curves in the case of the AA30 alloy are
plotted in Fig. 4a. The noise in the curves of the smallest micropillars (2
µm in diameter) cannot hide the strong size effect of the type ”smaller is
stronger” found for this size. Nevertheless, this size effect has disappeared in
the micropillars of 5 and 7 µm in diameter, which show the same values of
the yield strength and of the strain hardening after yielding. Similar results
were obtained in the case of NA samples while no size effect was found for
micropillars with diameters in the range 2 to 7 µm in the case of the AA168
micropillars. The corresponding values of the CRSS as a function of the
micropillar diameter are plotted in Fig. 4b.
Size effects in plasticity are associated to the ratio between the length
scale that controls the movement of the dislocations (average dislocation dis-
tance, distance between obstacles) and the dimensions of the specimen. In
the case of the precipitation-hardened alloys, the main obstacle to the dislo-
cations are the precipitates and the average value of the minimum distance
between them in the {111} slip plane, λ¯p in the case of the disk-shaped
precipitates parallel to the {100} planes of an FCC lattice is given by [2]
λ¯p =
1.030√
npd
− pi
8
d− 1.061t (1)
where the precipitate diameter and thickness (d and t) and number density,
np, can be found in Table 1 and the average distance between precipitates
can be found in Table 2. In the case of the GP zones, their thickness was
assumed to be equal to the diameter of the Cu atom (0.256 nm) [50]. λ¯p
was at least one order of magnitude smaller than the micropillar diameter
and, thus, size effects are expected to be negligible for micropillars ≥ 5 µm,
in agreement with previous experimental observations in other precipitate-
strengthened alloys [51]. It should be noted, however, that a noticeable size
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Figure 4: (a) Influence of the micropillar diameter on the RSS vs. strain curves of micropil-
lars oriented for single slip in the sample aged at 180◦C during 168 hours. (b) CRSS as
a function of the micropillar diameter in samples subjected to different aging treatments.
The micropillar orientation is indicated in the legend.
effect appeared in the micropillars containing either GP zones or θ′′ precip-
itates when the micropillar diameter was 2 µm even though the precipitate
spacing in both cases was more than two orders of magnitude smaller than
the micropillar diameter. This size effect may appear in these cases because
the dislocations can shear the precipitates and leave the crystal through the
lateral surfaces, limiting the density of mobile dislocation available to accom-
modate the imposed deformation. Shearing of GP zones is known to occur
[2, 22, 24] while θ′′ precipitates with a diameter below ≈ 30 nm are also
sheared by dislocations, as it will be shown below.
Table 2: Average value of the minimum distance between precipitates, λ¯p, in the {111}
slip plane for samples subjected to different heat treatments.
Heat treatment Precipitate λ¯p (nm)
NA GP 8.9
AA30 θ′′ 39
AA168 θ′ 332
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3.3. Effect of precipitate type on strengthening
The effect of the precipitate type on the strength of the Al-Cu alloys was
analyzed by comparing the RSS vs. plastic strain curves in micropillar of
square cross-section of 5 x 5 µm2 oriented for single slip. The plastic strain
(obtained as the total strain minus the elastic contribution given by the stress
divided the elastic modulus of the micropillar measured in the final elastic
unloading) was used to make the comparison instead of the total strain. In
this way, the experimental uncertainties associated with the initial slope of
the curves (that can easily affected by the roughness of the pillar surface
and the misalignment between the flat punch and the top of the pillar) were
eliminated.
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Figure 5: Representative RSS vs. plastic strain curves of micropillars oriented for single
slip in the alloy subjected to different aging conditions. The orientation of each micropillar
is indicated in the legend.
The experimental RSS vs. plastic strain curves obtained from 3 repre-
sentative micropillars oriented for single slip of the NA, AA30 and AA168
alloy are plotted in Fig. 5. All the curves (but particularly those of the ar-
tificially aged alloys) shown strain bursts –associated with a sudden drop in
the stress– which were caused by the avalanches of dislocations that escape
from micropillar through the lateral surfaces. The reduction of the stress in
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these cases is an artefact due to the limitations of the PID control system to
follow the sudden deformation of the micropillar.
The average CRSS (understood as the RSS at a plastic strain of 0.02%)
of each alloy is depicted in Table 3. The maximum value was obtained
in the alloy aged at 180◦C during 30 hours, followed closely by alloy aged
at the same temperature during 168 hours, while the minimum CRSS was
measured in the alloy aged at ambient temperature. An initial evaluation
of these results for the AA30 and AA168 alloys can be performed assuming
that the main contributions to the initial CRSS are the forest, solution and
precipitate hardening as well as the interaction of the dislocations with the
stress field around the precipitates due to the lattice mismatch between the
matrix and the precipitate and that they can be added. The forest hardening
contribution can be estimated from the Taylor model [52] according to
τf = αµb
√
ρ, (2)
where µ = 25 GPa stands for the shear modulus of Al, b = 0.286 nm the
Burgers vector [53], ρ the initial dislocation density (2.2 1013 m−2) and α
= 0.7 is a constant that accounts for the different dislocation interactions
[54]. The influence of the Cu atoms in solid solution to the CRSS, τss can be
determined as [14, 55],
τss = Hx
n
cu (3)
where xcu is the weight fraction of Cu dissolved in the Al matrix (which can
be determined for each treatment by subtracting the Cu content in the pre-
cipitates from total weight fraction of 0.04), and H and n are two constants
whose values in Al-Cu alloys are H = 7.2 MPa and n = 1 [14, 55].
The strengthening provided by disk-shape precipitates parallel to the
{100} planes of the FCC lattice due to the formation of Orowan loops, τp
was estimated by Nie and Muddle a screw dislocation as [26],
τp =
µb
2pi
√
1− ν
[
1
0.931
√
0.306pidt
f
− pid
8
− 1.061t
]
ln
(
1.225t
b
)
(4)
where ν = 0.33 stands for the Poisson ratio of the Al matrix. Finally, the
contribution of the stress field around the precipitate to the CRSS, τS (31
MPa), has been calculated by means of discrete dislocation dynamics sim-
ulations for the AA168 alloy [56] and is included in Table 3. This large
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contribution to the strengthening of θ′ precipitates has been recently traced
to the stress-free transformation strain associated with the nucleation and
growth of these precipitates [56]. As shown experimentally [57], the nucle-
ation of the θ′ disks parallel to the {100} planes of the FCC Al lattice can be
described by an invariant plane strain deformation of the lattice which has
a small volumetric component and a large shear one (33%) [2]. The interac-
tion of the dislocation of the stress-field created by the shear strain associated
to the precipitate formation increases dramatically the CRSS necessary to
overcome the precipitates [56]. In comparison, the stress field around the θ′′
precipitates is much smaller [18] and its contribution to the strengthening is
negligible.
The estimated contributions to the CRSS of the forest, solution, precip-
itation and stress field around the precipitates are included in Table 3. τss
is similar for all aging conditions but the contribution of precipitation hard-
ening for the AA30 alloy is higher than for the AA168 alloy. Nevertheless,
the contribution of the stresses around the precipitates in the AA168 alloy
is much higher than in the AA30 alloy. Overall, the combined contributions
of forest, solution and precipitation hardening and of the stresses around the
precipitates are very close to the experimental value of the CRSS in the AA30
and AA168 alloys. The contributions of forest and solution hardening to the
NA Alloy were included Table 3 for the sake of completion, as it is known
that GP zones are sheared by dislocations and the Orowan mechanisms is
not applicable to predict the CRSS of these materials.
Table 3: Experimental CRSS of the Al-Cu alloys subjected to different heat treatments
and estimations according to eqs. (2), (3), (4) and τS [56] for the AA30 and AA168 alloys.
Heat treatment CRSS τf τss τp τS τf + τss + τp + τS
(MPa) (MPa) (MPa) (MPa) (MPa) (MPa)
NA 61 ± 4 23.5 – – – –
AA30 91 ± 5 23.5 25.7 48.7 – 97.9
AA168 80 ± 7 23.5 25.2 14.3 31 94
The engineering RSS-plastic strain curves corresponding to the NA alloy
in Fig. 5 showed an initial parabolic hardening, which ended at a plastic
strain of around 2% with the formation of a strain burst. This strain burst
was associated with the localization of the deformation along the favourably
oriented slip plane starting from the top of the micropillar, as shown in Fig.
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6a. The hardening in the RSS-plastic strain curve after this point is an
artifact due to the increase of contact surface between the flat punch and
the micropillar as a result of the slip band. Another distinct feature of the
RSS-plastic strain curves of the NA alloy is the presence of serrations all
along the curves due to dynamic strain aging, which is known to develop at
ambient temperature in Al-4 wt. %Cu alloys deformed at strain rates in the
range 10−5 to 10−3 s−1 [58, 59]. This result is compatible with the hardening
provided by GP zones that are shearable by dislocations.
In the case of the artificially aged alloys, the engineering RSS-plastic
strain curves for the micropillars oriented for single slip showed linear hard-
ening after the elasto-plastic transition and the hardening rate was equivalent
for both aging conditions. An increase of the hardening on the AA168 pil-
lars was expected due to the forest hardening provided by the dislocation
pilling up on the precipitates, however the higher precipitate number of the
θ′′ present on the AA30, about three orders of magnitude higher than θ′
on AA168 (Table 1), can act as artificial pinning points for the dislocation
and contribute to the increase in the forest hardening, thus increasing the
hardening rate. Some serrations were occasionally observed but it is obvious
that dynamic strain aging was not one of the dominant deformations mecha-
nisms. The deformed micropillars (Figs. 6b and c) did not show any evidence
of localization of the deformation along slip bands and plastic deformation
occurred along the length of the micropillar, as shown by the slip traces on
the micropillar surface. It should be noted that the slip traces were more
difficult to find in the artificially aged micropillars because crystals oriented
for single slip may be forced to deform via multiple slip due to the presence of
presence of precipitates that are impenetrable to dislocations [22, 27, 36, 37].
It was assumed that the θ′ precipitates blocked the dislocation slip in the
alloy artificially aged during 180 hours [25–27, 30] but the mechanisms of
dislocation/precipitate interaction in the AA30 alloy were studied by TEM
in thin foils extracted from the deformed micropillars. Small θ′′ precipitates
with a diameter below 40 nm and including two layers of Cu atoms were
sheared by dislocations, as indicated by the red arrows in Figs. 7a and b.
The shearing direction coincided with the direction of the Burgers vector
[101] in the (111) slip plane, that is indicated by yellow lines. Nevertheless,
dislocations were not able to shear larger θ′′ precipitates, with diameters
above ≈ 50 nm, and formed Orowan loops to overcome these precipitates
(Fig. 7c). Approximately, 25% of the θ′′ precipitates in the AA30 alloy had
a diameter above 50 nm (Fig. 3b). Their average diameter was 90 nm and
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Figure 6: Scanning electron micrographs of micropillars deformed in single slip. (a) Natu-
rally aged, showing the localization of deformation along slip bands. (b) Artificially aged
during 30 hours 180◦C. (c) Artificially aged during 168 hours 180◦C. The artificially aged
micropillars showed homogeneous deformation along the whole micropillars, as indicated
by the slip traces.
the average distance between them was also approximately 90 nm, assuming
that they were homogeneously distributed. Their presence contributed to
limit strain localization in the AA30 alloy and also to increase the strain
hardening rate, which was equivalent to the one in the AA168 alloy. Thus,
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the maximum strength was obtained with a fine and homogeneous dispersion
of θ′′ precipitates whose average dimensions were close to the transition from
precipitate shearing to the formation of Orowan loops, in agreement with the
accepted theories for optimum precipitate strengthening [1, 2].
Finally the blue curve in Fig. 5 corresponds to the AA168 alloy which
contains θ′ precipitates. Dislocations cannot shear these precipitates and
they are by-passed by the formation of Orowan loops [2, 26, 39]. Although
the diameter and spacing of the θ′ precipitates in this sample were much
larger that those found in the sample artificially aged during 30 hours, the
CRSS and the hardening rate were surprisingly very similar for both samples.
The excellent strengthening capability of θ′ precipitates has been recently
traced to the contribution of the stress-free transformation strain associated
with the nucleation and growth of these precipitates to the CRSS [56].
3.3.1. Effect of micropillar orientation
Compression tests were carried out in micropillars carved from grains
with different orientations to promote single slip, double slip (coplanar and
non-coplanar) and multiple slip in materials in the three aging conditions.
Three or four micropillars were tested for each grain orientation and the grain
number, crystallographic orientation and maximum Schmid factor (SF) are
shown in Table 4. The engineering compressive stress vs. plastic strain curves
are plotted in Figs. 8 for the NA alloy. All the curves showed the presence of
strain bursts –associated with a sudden drop in the stress– but the frequency
of these events was higher in micropillars oriented for double and multiple
slip, in comparison with those oriented for single slip. In addition, serrations
due to dynamic strain aging were found in the micropillars oriented for single
and double coplanar slip (Figs. 8a and b) but not in the micropillars oriented
for non-coplanar double slip or multiple slip. These differences may be due to
the dominance of latent hardening (induced by the interaction of dislocations
gliding on different slip systems) with respect to dynamic strain aging in the
latter micropillars. Finally, it should be noted that strain localization was
found in all the NA micropillars oriented for single or double slip (Fig. 6a
and Fig. 9) and in some of the micropillars oriented for multiple slip. Thus,
the strong strain hardening observed in the stress- plastic curves in Fig. 8
was partially an artefact and they could not be used to calibrate the crystal
plasticity model.
The engineering compressive stress vs. plastic strain curves for the AA30
micropillars with different orientations are plotted in Fig. 10 while three
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Figure 7: (a) and (b) High-angle annular dark-field/transmission electron micrographs of
lamella parallel to [010]α zone axis extracted from the alloy artificially aged during 30
hours. Small θ′′ precipitates (diameter around 40 nm) were sheared by dislocations. The
red arrows indicate the planes in which the layers of Cu atoms have been disrupted by the
shearing of the dislocation. The direction of the Burgers vector ([101]) is indicated by the
yellow lines. (c) High-resolution transmission electron micrograph showing the formation
of Orowan loops (blue arrows) between large θ′′ precipitates (diameter above ≈ 50 nm).
The lamella was parallel to [010]α zone axis.
representative SEM micrographs of these micropillars deformed under copla-
nar and non-coplanar double slip as well as multiple slip are shown in Figs.
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Figure 8: Engineering compressive stress vs. plastic strain curves of micropillars with
different orientation of the naturally aged alloy. (a) Single slip. (b) Double coplanar slip.
(c) Double non-coplanar slip. (d) Multiple slip. (e) Multiple slip. (f) Multiple slip. The
orientation of each micropillar is indicated in the inverse pole figures.
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Table 4: Grain number, crystallographic orientations and maximum Schmid Factors (SF)
for each micropillar tested in compression
Naturally aged Artificially aged 30 h Artificially aged 168 h
Grain Orient. SF Grain Orient. SF Grain Orient. SF
203 [213] 0.46 53 [315] 0.50 33 [314] 0.47
42 [212] 0.39 46 [122] 0.41 30 [313] 0.43
172 [102] 0.49 2 [114] 0.46 14 [116] 0.46
22 [001] 0.43 43 [111] 0.30 19 [101] 0.43
30 [116] 0.46 35 [001] 0.44 42 [102] 0.50
16 [101] 0.45 17 [001] 0.42
4µm
Figure 9: Scanning electron micrograph of a naturally aged micropillar oriented for non-
coplanar double slip, showing the localization of deformation along slip bands.
11 (a), (b) and (c), respectively. Similarly, the corresponding curves for the
AA167 micropillars with different orientations are plotted in Fig. 12 while
three representative SEM micrographs of these micropillars deformed under
coplanar and non-coplanar double slip as well as multiple slip are shown in
Figs. 13 (a), (b) and (c), respectively. The experimental scatter was very
limited for most orientations, indicating the micropillar compression is a re-
liable technique to determine the behavior of single crystals in the absence
of strain localization. The differences in the initial yield stress among the
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curves can be readily explained by the differences in the SF among orien-
tations, while the strain hardening afterwards is related to the interaction
among dislocations gliding in different systems. Nevertheless, as indicated
in [27], the plastic flow anisotropy between orientations is reduced by the
presence of precipitates and the smallest anisotropy was found in the AA168
micropillars. The minimum hardening was always found in the micropillars
oriented for single slip and double, non-coplanar slip because the interactions
among dislocations were minimum in these configurations. The hardening
rate increased in the case of double, coplanar slip and was maximum for the
micropillars oriented for multiple slip. Based on these results, a phenomeno-
logical crystal plasticity model was used to predict the plastic response of
the alloys under different aging conditions, as shown in the following section.
The micropillar compression tests in crystals oriented for single and dou-
ble slip clearly showed that deformation tends to localize in crystallographic
planes in the NA alloy because the GP zones can be sheared by dislocations
(Figs. 6 (a) and 9). This is not the case in the AA30 and AA168 alloys,
where the presence of precipitates that cannot be sheared by dislocations
forces to deform via multiple slip through cross-slip. As a result, the de-
formed micropillars of the AA30 and AA168 alloys tend to have a ”barrel”
shape (Figs. 11 and 13), which is indicative of homogeneous deformation
along the micropillar [27] while those of the NA alloy showed the localiza-
tion of deformation in a few slips bands along the micropillar. Nevertheless,
straight slip traces (marked with red arrows) were more clearly observed in
the AA30 alloy, particularly for coplanar and non-coplanar double slip, Figs.
11(a) and (b), respectively. This observation is compatible with shearing of
some of the θ′′ precipitates in this aging condition. On the contrary, most
of the slip traces observed in the AA168 alloy deformed under double or
multiple slip (marked by blue arrows) are wavy, and the straight slip traces
are very faint (Fig. 13). These results indicate that the presence of the im-
penetrable θ′ precipitates promotes multiple slip through the activation of
cross-slip. It should be finally noted that some vertical lines on the deformed
micropillars in Figs. Figs. 11 and 13 are not slip traces but marks left by
the FIB beam during milling.
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Figure 10: Engineering compressive stress vs. plastic strain curves of micropillars with
different orientation of the artificially aged alloy at 180 ◦C during 30 hours. (a) Single slip.
(b) Double coplanar slip. (c) Double non-coplanar slip. (d) Multiple slip. (e) Multiple
slip. The orientation of each micropillar is indicated in the inverse pole figures. The red
curves stand for the results of the simulation of the compression tests using the crystal
plasticity model.
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Figure 11: SEM micrographs of deformed micropillars of the artificially aged alloy at 180
◦C during 30 hours. (a) Double coplanar slip, showing some localization of deformation
along slip bands. (b) Double non-coplanar slip. (c) Multiple slip. Slip bands have been
marked with red arrows, blue arrows indicate wavy slip traces.
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Figure 12: Engineering compressive stress vs. plastic strain curves of micropillars with
different orientation of the artificially aged alloy at 180 ◦C during 168 hours. (a) Single
slip. (b) Double coplanar slip. (c) Double non-coplanar slip. (d) Double non-coplanar
slip. (e) Multiple slip. (f) Multiple slip. The orientation of each micropillar is indicated
in the inverse pole figures. The red curves stand for the results of the simulation of the
compression tests using the crystal plasticity model.
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Figure 13: SEM micrographs of deformed micropillars of the artificially aged alloy at 180
◦C during 168 hours. (a) Double coplanar slip, showing some localization of deformation
along slip bands. (b) Double non-coplanar slip. (c) Multiple slip. Slip bands have been
marked with red arrows, blue arrows indicate wavy slip traces.
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4. Crystal plasticity modelling
4.1. Crystal plasticity model
The mechanical behavior of the Al-Cu single crystals artificially aged at
180◦C was based in a phenomenological crystal plasticity model that was suc-
cessfully used to predict the mechanical response of precipitation-hardened
Ni-based superalloys [51]. Nevertheless, this phenomenological model is not
appropriate to simulate the behavior of the naturally-aged micropillars, which
showed a very marked strain localization during deformation.
The model is based on the multiplicative decomposition of the deforma-
tion gradient, F into the elastic (Fe) and plastic (Fp) components,
F = FeFp. (5)
The plastic velocity gradient, Lp = F˙
p
F−1, is obtained as the contribution
of the shear rate, γ˙α of each slip system α according to [60]
Lp =
Nslip∑
α=1
γ˙α(sα0 ⊗mα0 ) (6)
where sα0 and m
α
0 stand, respectively, for unit vectors in the slip direction
and normal to the slip plane in the reference configuration and Nslip is the
number of slip systems.
The crystal is assumed to behave as an elasto-viscoplastic solid in which
the plastic slip rate of each slip system follows a power-law dependency,
γ˙α = γ˙0
( |τα|
ταc
)1/m
sgn(τα) (7)
where γ˙0 is a reference shear strain rate, τ
α
c the CRSS on the slip system, m
the rate-sensitivity exponent and τα stands for the resolved shear stress on
the slip system.
The evolution of the CRSS on a given system α, is expressed as [51]
τ˙αc =
∑
β
= qαβh|γ˙β| (8)
where β stands for any slip system. qαβ are the strain hardening coefficients
due to self (α = β) and latent hardening (α 6= β), and h is the self hardening
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modulus. The evolution of the self hardening was described using the Voce
hardening model
h(γa) = hs +
[
h0 − hsh0hsγa
τs − τ0
]
exp
−
(
h0γa
τs−τ0
)
(9)
where h0 is the initial hardening modulus, τ0 the initial yield shear stress,
τs the saturation yield shear stress, hs the saturation hardening modulus at
large strains and γa is the accumulated shear strain in all slip systems, which
is given by
γa =
∫ t
0
∑
α
|γ˙α|dt. (10)
The precipitates are obstacles to the dislocation motion in each slip sys-
tem and their effect should be reflected in the self-hardening modulus. Be-
cause the precipitates are disks parallel to the {100} faces of the Al FCC
lattice, their influence is the same for all slip systems and, thus, the self-
hardening modulus is equivalent for all slip systems but different for each
aging condition.
4.2. Finite element model of micropillar compression
The crystal plasticity model presented above was programmed as a User
Material Subroutine in Abaqus/Standard [61] and it was used to simulate
the micropillar compression tests of artificially aged samples, which showed
homogeneous deformation along the micropillar. The corresponding finite
element model is shown in Fig. 14. The model includes the geometry of the
square micropillars with 5 µm in lateral size and the radius of curvature of
the fillet (approximately 1.5 µm). The micropillar and the supporting mate-
rial were modelled as a single crystal. Eight-node quadratic elements (C3D8)
were used for the discretization of the micropillar while four-node linear el-
ements (C3D4) were used for the supporting material. The total number of
elements in the model were 31736 elements. The flat punch was modelled
as a rigid body, with a lateral stiffness of 10 KN/m, which approximately
corresponds to the lateral stiffness of the indenter used in the experiment
[44]. The contact between the flat punch and the micropillar surface was
modelled according to a Coulomb friction, with a friction coefficient of 0.1
The base of the supporting material was fully constrained, while a flat punch
was moved in the vertical direction at a constant speed. Simulations were
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carried out within the framework of the finite deformations theory with the
initial unstressed state as reference.
Figure 14: Finite element model of the micropillar compression test
The elastic constants of the Al single crystal elastic were obtained from
DFT calculations [39] and were in good agreement with experimental data
in Al single crystals at ambient temperature [62]. They can be found in
Table 5. In addition, the strain rate sensitivity parameter m was chosen as
0.02, following previous investigations in Al [53]. For each aging condition,
the parameters of the Voce hardening law, eq. (9), that control the plastic
response of the material were determined by comparison with the stress-
plastic strain curves of micropillars oriented for single slip (Figs. 10a and
12a), except τ0 that was obtained from the initial CRSS in the micropillars
oriented for single slip and can be found in Table 3. The other parameters,
τs, h0 and hs, can be found in Table 6.
The 12 slip systems of the family {111}〈110〉 were implemented in the
crystal plasticity model. The hardening due to the interactions among dislo-
cations was included in the model through the latent hardening coefficients
matrix qαβ for each pair of slip systems. FCC crystals have 12 slip systems
but only six independent coefficients are necessary to determine the 12 x 12
coefficients of the latent hardening matrix due to symmetry considerations
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Table 5: Elastic constants of the FCC Al single crystals
C11 (GPa) C12 (GPa) C44 (GPa) Ref.
110.4 60.0 31.6 [39]
106.8 60.8 28.2 [62]
Table 6: Parameters of the Voce hardening law (expressed in MPa) for each aging condi-
tion.
τ0 τs h0 hs
Artificially aged 30 h 90.5 105 16000 135
Artificially aged 168 h 80.0 106.0 15500 125
[63]. They stand for the different types of interactions between dislocations
(self interaction, coplanar and collinear) as well as locks (glissile junction,
Hirth and Lomer-Cottrell lock). They have been calculated by means of
dislocation dynamics simulations for pure FCC single crystals [64, 65] but
they are not known in the case of precipitation-hardened crystals. So, they
were also obtained by comparison of the simulation results with the exper-
imental curves for micropillars with different orientation. In particular, the
self-hardening coefficient was assumed to be equal to 1 and it was used to
determine the parameters in the Voce law from the micropillar compression
tests in crystals oriented for single slip. The micropillar compression tests
oriented for coplanar and non coplanar double slip were used to determine
the coplanar and collinear coefficients, respectively. Finally, the parameters
corresponding to the glissile junction and Hirth and Lomer-Cottrell locks
were obtained from the tests on micropillars oriented for multiple slip. How-
ever, the Hirth and Lomer-Cottrell also influenced the mechanical behavior
of micropillars aligned near [100] and [011] orientations, respectively, and the
optimum values were obtained after a few iterations. Overall, the experimen-
tal results and the finite element simulations of the mechanical response of
micropillars compressed along different orientations (Figs. 10 and 12) were
in good agreement.
4.3. Polycrystal homogenization
The mechanical properties of Al-Cu polycrystals can be computed by
means of the finite element simulation of a representative volume element
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Table 7: Parameters of the hardening interaction matrix between slip systems for each of
the aging conditions.
Self Coplanar Collinear Hirth Glissile Lomer
Artificially aged 30 h 1.0 0.8 0.8 2.2 1.0 1.0
Artificially aged 168 h 1.0 0.8 0.8 3.0 1.0 1.0
(RVE) of the microstructure using the crystal plasticity presented above
[60]. The RVE was made up of 100 equiaxed grains and was generated
using Dream3D [66] assuming a log-normal distribution grain size distribu-
tion with a standard deviation of 20% of the average grain size and random
texture (Fig. 15). It should be noted that no length scale was included in the
constitutive model and, thus, the results of the simulation are independent
of the grain size (the strengthening due to Hall-Petch effect is not taken into
account in this model). The RVE was discretized with a regular mesh of
40 x 40 x 40 quadratic cubic finite elements with full integration (C3D8 in
Abaqus). The mechanical response of the polycrystals in uniaxial tension
under quasi-static loading conditions was determined using periodic bound-
ary conditions with Abaqus/Standard [61] within the framework of the finite
deformations theory with the initial unstressed state as reference . More
details about the computational homogenization strategy can be found in
[53, 63].
The true stress-strain curves obtained from the polycrystal simulations
are plotted in Fig. 16 for the Al-4 wt. % Cu alloys artificially aged at 180◦
during 30 and 168 h. The curves corresponding to the AA30 and AA168
alloys are practically superposed and indicate that high strength and hard-
ening can be obtained in this alloy with two different types of precipitate
structures: either a fine dispersion of θ′′ precipitates or a coarser one of θ′
precipitates. Experimental results of the tensile properties of Al-Cu poly-
crystals with similar Cu content and aging treatments are also plotted in
Fig. 16 for comparison. Da Costa Texeira et al. [34] measured the tensile
deformation of an Al - 3 wt. % Cu alloy which contained traces of Sn to
favour the nucleation and growth of θ′ precipitates. The alloy was solution
heat treated at 525◦C, water quenched and aged at 200◦C, leading to a ho-
mogeneous distribution of θ′ precipitates. The precipitate volume fraction
and diameter were, respectively, 1.88 % and 103 µm and this aging condition
led to the best mechanical properties. Moreover, the dislocations overcame
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Figure 15: Representative volume element of polycrystalline Al.Cu alloy with random
texture containing 100 crystals discretized with 64000 cubic finite elements.
the precipitates by the formation of Orowan loops. No information was pro-
vided about the grain size but the influence of the Hall-Petch effect in this
precipitation-hardened alloy should be minor. The experimental true stress-
strain curve for this alloy is plotted in Fig. 16 and compares very well the
numerical predictions for the AA30 and AA168 alloys in terms of the initial
yield strength and the strain hardening. Thus, the parameters of the crystal
plasticity model obtained from micropillar compression tests could be used
to predict the mechanical properties of the polycrystals.
5. Conclusions
The mechanical properties of Al - 4 wt. % Cu alloy containing different
types of precipitates (either Guinier-Preston zones, θ′′ or θ′) were determined
by means of micropillar compression tests in single crystals oriented for sin-
gle, double (coplanar and non-coplanar) and multiple slip. It was found that
the mechanical properties were independent of the micropillar size when the
micropillar cross-section was ≥ 5 x 5 µm2. The dimensions, volume frac-
tion and spatial distribution of the precipitates in each crystal were carefully
measured by means of transmission electron microscopy, while the initial
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Figure 16: True tensile stress-strain curves of polycrystalline Al-4 wt. % Cu alloys sub-
jected to different aging treatments obtained from the numerical simulation of a represen-
tative volume of the microstructure. Experimental results of an artificially aged Al-3 wt.
%Cu alloy [34] is also plotted for comparison.
critical resolved shear stress and the hardening in different orientations were
obtained from the micropillar tests, providing an unique data set to estab-
lish the relationship between the precipitate structure and the mechanical
properties.
It was found that deformation was localized along the dominant defor-
mation slip planes in the alloy reinforced with Guinier-Preston zones, as a
result of precipitate shearing. Precipitate shearing was also observed in the
case of small θ′′ (< 30 µm in diameter) while Orowan loops were formed
around larger θ′′ and θ′ precipitates. The initial critical resolved shear stress
and the hardening rate of the samples containing either θ′′ (aged during 30
hours at 180◦C) or θ′ (aged during 168 hours at 180◦C) precipitates were
very similar and higher than those found in the naturally aged sample with
Guinier-Preston zones. Thus, high strength Al-Cu alloys can be obtained
through the dispersion of θ′′ or θ′ precipitates. The high strength of the
former could be traced to an Orowan mechanism and was determined by
the small distance between the precipitates. The contribution of this mecha-
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nism to the strength is smaller in the case of the sample with θ′ precipitates
but the critical resolved shear stress was increased by the presence of the
transformation strains associated to the formation of θ′, as demonstrated by
recent dislocation dynamics simulations [56].
Finally, the micropillar compression tests in different orientations were
used to calibrate a phenomenological crystal plasticity model. This informa-
tion was used to predict the mechanical properties of polycrystals by means of
computational homogeneization. The simulation results were in a reasonable
agreement with experimental data in the literature of Al-Cu alloys subjected
to similar heat treatments and demonstrate that micropillar compression can
be used to determine the mechanical properties of precipitation-hardened sin-
gle crystals.
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